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ABSTRACT: We have measured the fracture toughness, G, of an interface between polystyrene (PS)
and poly (2-vinylpyridine) (PVP) reinforced with triblock copolymers (PVP-b-dPS-b-PVP) as a function of
the areal chain density, X, of the copolymers at the interface. The failure mechanisms of the interface
are studied by transmission electron microscopy and forward recoil spectrometry. For triblock copolymers
with long PVP blocks (Npve > Nepve, Where Nepyp is the entanglement polymerization index of PVP), a
transition from chain scission at low X to crazing at high =* is observed. By comparing the areal chain
density =* for the transition from chain scission to crazing for the triblock copolymers (Z* = 0.015 chains/
nm?) to that for the diblock copolymers, PVP—dPS (2* = 0.03 chains/nm?), we show that most of the
triblock copolymers form a “staple” structure at the interface with the dPS block making a loop on the
PS side of the interface and the PVP ends anchoring the “staple” in the PVP side. As a result of the
“staple” structure, the saturation areal chain density of the triblock copolymer (Zsa) at the interface is
half of that for the diblock copolymer of similar molecular weight. For £ < X in the crazing regime, the
fracture toughness of the interface is controlled by the areal joint density, Zcress, Where Zeross is the number
density of the copolymer excursions across the interface. For £ > X4, the triblock copolymers appear to
reinforce the craze fibrils at the crack tip better than the corresponding diblock copolymers, leading to
an interface fracture toughness approaching that of the PS homopolymer itself. For a triblock copolymer
with short PVP blocks (Npve < Nepvp), there is a transition in the fracture mechanism from pull out of
the PVP block to crazing with increasing . Short triblock copolymers can form two chain conforma-
tions: one in which two PVP blocks anchor the copolymer on the homopolymer PVP side (staple structure)
and one in which one PVP block anchors the copolymer on the PVP side (tail structure) of the interface.
Comparison of G, between the triblock copolymer and the corresponding diblock copolymer is made. The
larger G. values of the triblock copolymer reinforced interface in the crazing regime are observed as a
result of enhancement in entanglements between the dPS loops of the triblock copolymer and the

homopolymer PS.

Introduction

Interfacial adhesion plays an important role in many
industrial applications, e.g. in polymer alloys and
polymer coatings, because the interface frequently
exerts a limiting effect upon the bulk properties of the
material. The addition of diblock copolymers to the
interface between immiscible glassy homopolymers has
been shown to improve the fracture properties of two-
phase polymer mixtures.1=2 The increase in mechanical
strength is partially due to the ability of the diblock
copolymer to act as a polymeric surfactant, segregating
to the interface between the immiscible polymers and
decreasing the interfacial tension. However, the im-
provement is mainly due to the ability of the diblock
copolymer to form a junction across the interface
through which stress can be transferred. The entangle-
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ment of the diblock copolymer with its respective
homopolymer is now well-established as the mechanism
of anchoring that permits such stress transfer.

The mechanism by which the interface fails depends
primarily on the areal chain density (number of chains
per unit area), X, of the diblock copolymer at the
interface and the polymerization indices of each block.
Mechanisms of failure near crack tip include chain pull
out, where one of the blocks of the copolymer chain pulls
out from the surrounding homopolymer, and chain
scission, where the block copolymer chain actually
breaks, usually near the joint in the block copolymer,
before any large scale plastic deformation of the ho-
mopolymers occurs. Fracture can also occur by crazing
of one of the homopolymers followed by failure of the
craze by either chain disentanglement or chain scission
or a mixture of these two mechanisms in the craze
fibrils. Several theoretical models have been proposed
to predict the mode of failure of interfaces reinforced
with diblock copolymers. Brown? and Hui et al.# inves-
tigate the mechanics of craze breakdown in glassy
polymers and Xu et al.? study the crack growth along
the interface in the chain pull out regime. Good
agreement is found between prediction of the models
and the experiments in their respective regimes. Xu et
al. also introduce a fracture mechanism map that
shows which mechanism will dominate according to the
level of stress applied to the interface and the areal
chain density of block copolymer at the interface.> In
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Figure 1. Fracture mechanism map. The tensile stress on
the interface, o, is plotted versus the areal chain density, X,
of copolymer chains. There are two possible fracture mecha-
nism transitions, depending on the magnitude of gpuiout: (8)
for osission < Opuniout, the interface fails by chain scission for =
< 2* and by crazing for = > Z*; (b) for osission > Opuli out, the
interface fails by chain pull out for £ > 2° and by crazing for
3> e

this map, shown in Figure 1 a,b, the tensile stress ahead
of the crack tip, o, is plotted as a function of X of the
copolymer chains at the interface for each failure
mechanism. The horizontal line, 0 = o¢raze, Where ocraze
is the crazing stress of one of the polymer phase,
represents an upper stress limit that is independent of
3. The vertical arrow, £ = g, corresponds to the
saturation areal chain density of block copolymer at the
interface. For X > g, block copolymers can no longer
organize as a brush at the interface but form other
microphases, such as micelles or lamellae, near the
interface. Chain scission and chain pull out are repre-
sented by two lines through the origin, oscission and
Opull out, Fespectively. The slopes of the chain scission
line and chain pull out line represent the forces neces-
sary to break one copolymer or pull it out, respectively.
The areal chain densities where the chain scission or
chain pull out lines cross the crazing stress correspond
to transitions to crazing from chain scission or chain
pull out, respectively, as X is increased.

At small Z, the bond-breaking stress, oission, increases
linearly with increasing Z. Since diblock copolymer
chains form a brush structure at the interface with only
one junction across the interface per chain, the bond-
breaking stress of block copolymer chains is given by
eq 1:

Ogcission —

fp2 )
where f, is the force to break a single carbon—carbon
bond. The stress required to cause chain pull out,
Opullout IS dependent on the frictional forces at work
between the homopolymer matrix and the copolymer
block being pulled-out and is assumed to be given by
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opull out — fmonoN2 (2)

where fnone denotes a static friction coefficient per
monomer and N is the polymerization index of the block
subjected to pull out.

Depending on the value of N, a different failure
mechanism will result. The dominant mechanism will
be that which requires the lowest stress. For Npyp >
Nepve, Cchain scission requires lower stress than chain
pull out and the interface fails by chain scission for Z <
>*, as shown in Figure la. The interfacial stress
continues to increase until the stress is high enough to
plastically deform one of homopolymers by crazing. At
this point 2 is equal to =*, where =* is the areal density
at transition from chain scission to crazing. For X >
>*, crazing occurs on the PS side of the interface and
the interfacial stress, g, remains constant and is equal
t0 Ocraze. FOr Npyp < Nepyp, the chain pull out line may
have a smaller slope than the chain scission line and
the chain pull out mechanism will be active at small Z,
as shown in Figure 1b. Crazing will dominate chain
pull out when X is greater than a critical value, X°,
where X° is the areal density at transition from chain
pull out to crazing. For X < Z°, the interface fails by
chain pull out, while for = < X° the interface fails by
crazing. For Npyp appreciably smaller than Nepyp, the
interface may become saturated (Zsa) with the block
copolymer before =° is reached and no pull out to crazing
transition will be possible.

The system we have chosen consists of the immiscible
homopolymers polystyrene (PS) and poly(2-vinylpyri-
dine) (PVP). Both homopolymers deform predominately
by crazing; however, PS has a smaller crazing stress
than PVP (~55 MPa for PS and ~75 MPa for PVP).3
The interface is reinforced with poly(2-vinylpyridine)-
b-deuterated-polystyrene-b-poly(2-vinylpyridine) (PVP-
b-dPS-b-PVP) triblock copolymers. Many studies have
been done to investigate the strengthening effect of the
interfaces between immiscible polymers reinforced with
diblock copolymers and more recently with random
copolymers.6=10 The objective of this work is to explore
the difference in the fracture properties of the interfaces
reinforced with diblock copolymers and triblock copoly-
mers. In addition, this study may provide some under-
standing of the chain conformation and the microstruc-
ture of the triblock copolymer at the interface.

Experimental Section

1. Materials. PS and PVP homopolymers were purchased
from Aldrich Chemical Co. and Polysciences, Inc., respectively
and had weight-average molecular weights of 270 000 (Mw/Mp
~ 2.1) and 250,000 (Mu/M, ~ 2.4), respectively. Diblock
copolymers (PVP-b-dPS) and triblock copolymers (PVP-b-dPS-
b-PVP) were synthesized via living anionic polymerization. The
polymerization consists of a two-stage sequential addition of
deuterated styrene and 2-vinylpyridine monomers into tet-
rahydrofuran solvent at —55 °C in an argon atmosphere. The
reaction was carried out using cumylpotassium as monofunc-
tional initiator for the diblock copolymers and using (a-
methylstyryl)potassium as the difunctional initiator for the
triblock copolymers.’! At the end of each stage, aliquots were
taken to recover the dPS precursor and the block copolymer,
respectively, for later characterization. The molecular weight
and composition of these block copolymers were measured by
gel permeation chromatography (GPC) and forward recoil
spectrometry (FRES) and are listed in Table 1. The triblock
copolymer consisting of a PS block with a degree of polymer-
ization (DP) of 1620 and two PVP end blocks with a DP of 580
will be designated as 580—1620—580. For comparison, the
diblock copolymer whose DP of the PVP block is 870 and that
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Figure 2. Schematic of asymmetric double cantilever beam
sample for the fracture toughness test.

Table 1. Polymerization Index of the Triblock and the
Diblock Copolymers

triblock copolymers, diblock copolymers,

PVP-b-dPS-b-PVP PVP-b-dPS
580—1620—580 870—800
290—470-290 540—510
90—-570—90 220-580

of the dPS block is 800 will be denoted as 870—800. The
triblock copolymers PVP-b-dPS-b-PVP 580—1620—580 and
290—470—290 and the diblock copolymers PVP-b-dPS 870—
800 and 540—510 have polymerization indices for both blocks
higher than the polymerization index between entanglements,
Ne, of their respective homopolymer (Neps & 173, Nepyp & 255).
For the 90—570—90 and 220—580, the PVP blocks of the
copolymers cannot form entanglements with PVP homopoly-
mer since their PVP blocks are too short. The polystyrene
blocks of the copolymers were deuterated in order to allow for
their use as labels in the subsequent FRES experiments. The
FRES technique utilizes a “He ion beam impinging on an area
~5 mm x 1 mm of each fracture surface of the sample.’? The
energy of recoiled hydrogen and deuterium particles is re-
corded and converted into a depth scale based on the energy
loss of the particles on their path through the sample. The
amount of deuterium averaged over the probe area on each
fracture surface is determined by integrating its spectrum
signal in FRES, which is readily converted into an apparent
areal chain density, =, of the deuterated PS block of the
copolymer on each side of the fracture (Z(PS) and Z(PVP)). The
total areal chain density is then given by = = 2(PS) + Z(PVP).

2. Sample Preparation. Plates of polydisperse PS and
PVP with dimension of 5cm x 7cm x 24 mmand 5¢cm x 7
cm x 1.7 mm, respectively, were made by compression molding
at 160 °C. A thin film of the block copolymer was spun cast
from a toluene solution onto the PVP plate. The thickness of
the copolymer film or the areal chain density, X, of the
copolymer is controlled by the concentration of the copolymer
solution that is spun onto the PVP plate. The homopolymer
PS plate is welded to the copolymer-coated PVP plate to form
a PS/copolymer/PVP assembly by annealing at 160 °C for 2 h.
The final PS/copolymer/PVP sandwiches were cut into eight
strips for the fracture toughness measurements.

3. Fracture Toughness Measurement. The interfacial
fracture toughness, or the critical energy release rate, G, is
measured using the asymmetric double cantilever beam
method (ADCB). A schematic drawing of this method is shown
in Figure 2. A razor blade of known thickness, A, is inserted
into the PS/PVP interface. A crack is initiated ahead of the
edge of the razor blade. This razor blade is then driven by a
servo motor at a constant speed (3 x 107® m/s). Steady state
crack propagation was established after several minutes. The
entire history of crack progression, in particular the length
(a) of the crack ahead of the razor blade, is recorded using a
video camera so that many measurements of a could be made
using one PS/copolymer/PVP strip. The error bars reported
subsequently for G, represent one standard deviation of at
least 16 crack length measurements. The crack length a is
converted to G, using the relation first developed by Kan-
ninen® and later modified by Creton et al.,? i.e.

(C,°E,hy° + C2Eh, )
(C,°E;hy° + C°Eh, %Y

3A?
G.= _4(E1E2h13h23) 3
8a
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where C; = 1 + 0.64hs/a and C, = 1 + 0.64hz/a. E; and E;
are the Young’'s moduli, and h; and h; are the thickness of PS
and PVP homopolymer beams, respectively.

It should be noted that, as a crack propagates along a
interface between two materials with different elastic moduli,
the stress field of the crack tip along the interface in general
has both tensile (mode I) and shear (mode Il) components. A
phase angle, W, is defined as a measure of the relative shear
to the opening components. To assure that the crack propa-
gates at the PS/PVP interface, the plate of the more compliant
material (PS) is made to be thicker than the PVP plate, giving
rise to a mechanical phase angle W ~ —6°. At this value of
W, the fracture toughness of the interface is a minimum and
is only weakly dependent on W as long as W < 0. A detailed
discussion of the effects of W on the fracture of PS/PVP
interfaces reinforced with diblock copolymers is available
elsewhere.

4. TEM Observation of Interface Structure. Cross-
sectional transmission electron microscopy (TEM) was used
to investigate the structure of the interfaces reinforced with
diblock copolymers®® and triblock copolymers. A small piece
of the PS/copolymer/PVP strip was partially embedded in an
epoxy resin that was then cured at room temperature to
provide a sample that would be suitable for microtoming. Thin
sections (~100 nm thick) were cut from the sample strip with
a microtome using a glass knife at room temperature. The
microtomed film was transferred to the surface of a water bath.
Wrinkles in the film induced by the cutting process were
removed by exposing the film briefly to a mixed solvent vapor
(toluene/chloroform = 50/50). This step did not result in
noticeable changes in the interfacial structure. The film was
subsequently picked up onto a gold grid and dried in vacuum.
The film was then exposed to iodine vapor for 12 h to
selectively stain the PVP phase. The staining enhances the
electron scattering from the PVP phase and leads to a
distinguishably “darkened” PVP phase under TEM. A JEOL
1200EX TEM operating at 120 keV was used for the TEM
observations.

Results and Discussion

A. Long Triblock Copolymers (Npyp above
Nepvp). 1. Chain Scission to Crazing Transition.
Figure 3a shows the fracture toughness of the PS/PVP
interface reinforced by the triblock copolymer 580—
1620—580 PVP-b-dPS-b-PVP as a function of its areal
chain density, =. At small X, G; increases roughly
linearly with increasing Z. Note that G. is low until a
critical value of = > Z%; ~ 0.015 chains/nm? is exceeded
and then it increases strongly and reaches a value
around 150 J/m? for = = 0.1 chains/nm2. In Figure 3b,
the fraction of deuterium (or dPS) found on the PS
fracture surface, Z(PS)/Z, is plotted vs . For the 580—
1620—580 triblock copolymer nearly 90% of the dPS is
found on the PS side of the fracture up to a = = 0.015
chains/nm?, at which point a transition occurs and the
value of X(PS)/X starts to decrease with increasing Z,
eventually achieving a value of ~0—10% of the dPS on
the PS side of the fracture for =~ 0.1 chains/nm?. This
observed transition suggests that the locus of fracture
changes from the region of the PS/PVP interface to the
region of the interface between the dPS block and the
PS homopolymer when X is increased above >%; ~ 0.015
chains/nm2. The larger G, values are indicative of
plastic deformation ahead of the crack tip near the
interface region. Optical microscopy of the fracture
surfaces was used to verify that a wide craze does not
form on the PS side for 2 < X% and does form for X >

i

The large increase in the measured G, above the
transition as well as the change in the locus of fracture
suggests a change in fracture mechanism with increas-
ing . For PS/PVP interfaces reinforced with a long
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Figure 3. (a) Fracture toughness, G, plotted versus the areal
chain density, X, of the 580—1620—580 triblock copolymer. (b)
Fraction of the dPS found on the PS fracture surface plotted
versus Z.

fraction of dPS on PS

0.0

diblock copolymer, Creton et al.® show that there is a
fracture transition from chain scission of diblock co-
polymers to crazing of PS homopolymer with a transi-
tion value of =% = 0.03 chains/nm2. From the fracture
mechanism map shown in Figure 1, at the chain scission
to crazing transition, the interfacial stress, o, is given
by

0= szgi = Otraze (4)

Equation 4 can be confirmed by estimating the bond
breaking force of a carbon—carbon bond (f,) from the
measurement ofe of =% and ocraze. Creton et al. derived
an estimate of f, ~ 2 x 107° N, in good agreement with
other experimental studies?®'® and theoretical predic-
tions.Y’

The same kind of fracture transition from chain
scission (without crazing) to crazing followed by craze
failure is observed for the 580—1620—580 triblock
copolymer. However, the transition areal chain density
for the triblock copolymer (0.015 chains/nm?) is just half
that of the diblock copolymer. Since the breaking force,
fy, for a bond in the triblock copolymer chain must be
the same as that in the diblock copolymer, it must be
necessary to break two bonds in each triblock copolymer
chain where the interface fails by chain scission. The
logical conclusion is that the triblock copolymers form
a hairpin or a “staple” structure at the interface with
the dPS block forming a loop on the PS side of the
interface and the PVP ends anchoring the “staple” in
the PVP side. A schematic drawing of chain conforma-
tion of the triblock copolymer at the interface is shown
in Figure 4a.

It should be pointed out that the transition areal
chain density from chain scission to crazing with
increasing X is characteristic of the PS/PVP polymer
interface and is independent of the details of the
“connector chains” (e.g. molecular weight of block co-
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Figure 4. (a) Schematic representation of the staple structure
of the long triblock copolymer at the interface. (b) Schematic
representation of the staple and the tail conformations of a
short triblock copolymer at the interface.
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Figure 5. (a) Fracture toughness, G, plotted versus the areal
chain density, %, of the 290—470—290 triblock copolymer. (b)
Fraction of the dPS found on the PS fracture surface plotted
versus Z.

polymer) as long as these are well-anchored on each side
of the interface. For the interface reinforced with the
triblock copolymer 290—470—-290, as shown in Figure
5a, G. increases approximately linearly with increasing
T until the same critical = (2 ~ % = 0.015 chains/nm?)
is reached. There is a slight change in slope of the G,
vs X curve for = > 3%i. For X < 0.1 chains/nm?, the
maximum G, value is only about 15 J/m2. Figure 5b
shows that Z(PS)/X decreases abruptly from ~0.9 for =
< 3% to ~ 0.05 for = > =g; = 0.015 chains/nm2. Thus
there is also a transition from chain scission to crazing
for the interface reinforced with the 290—470—290
triblock copolymer at the same value Z%; = 0.015 chains/
nm? as for the 580—1620—580 triblock copolymer.
Therefore, we infer that the 290—470—290 triblock
copolymer also forms a staple structure at the interface.
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Figure 6. Plot of fracture toughness, G, plotted versus the
areal chain density of chain crossing, Z¢rss, of the 580—1620—
580 triblock copolymer (M) and the 870—800 diblock copolymer
(@)

2. Crazing Fracture at Medium Areal Chain
Density (X < 0.1 chains/nm?). On the basis of the
hairpin morphology of the triblock copolymer at the
interface, one can assume, as a first approximation, that
a triblock copolymer effectively consists of two “pseudo-
diblock” copolymers. The assignment for the effective
degree of polymerization (DP) of each block of the
pseudodiblock copolymer is as follow: the DP of the dPS
block of the pseudodiblock copolymer is equal to half of
that of the dPS block of the triblock copolymer, and the
DP of the PVP block of the pseudodiblock copolymer is
equal to that of the PVP block of the triblock copolymer.
We can also define a new areal density, 2 .ss, the areal
joint density, which is the number density of the
copolymer excursions across the interface. The areal
joint density of a diblock copolymer which crosses the
interface only once is equal to its areal chain density,
3, while that of a long triblock copolymer is equal to
2%, if the triblock copolymer adopts the staple configu-
ration.

We can test the above assumption by comparing the
fracture toughness (G¢) of the PS/PVP interface as a
function of areal joint density (Zcross) Of the triblock
copolymer 580—1620—580 PVP-b-dPS-b-PVP with that
of the diblock copolymer 870—800 PVP-b-dPS in Figure
6. Note that the DP of the dPS in the diblock copolymer
is only half of that of the dPS in the triblock copolymer
chain. It is clear from the data that the G. values are
roughly the same for the triblock copolymer and the
diblock copolymer for the same areal joint density up
to 0.2 joints/nm2. Thus, at least at areal chain densities
too low for separate block copolymer mesophases to form
adjacent to the interface, the areal joint density (Zcross)
seems to be the parameter that controls the G, of the
interface under conditions where a craze forms in the
PS adjacent to the interface.

Another example to test whether s controls G is
shown in Figure 7. In this case G¢ VS Z¢oss IS plotted
for the triblock copolymer 290—470—290 PVP-b-dPS-b-
PVP and the diblock copolymer 540—-510 PVP-b-dPS.
Note that the dPS block of both copolymers has roughly
the same degree of polymerization. For Zg.ss < 0.2
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Figure 7. Plot of fracture toughness, G, plotted versus the
areal chain density of chain crossing Zcress, 0f the 290—470—
290 triblock copolymer (B) and the 540—510 diblock copolymer

(@).

joints/nm2, the measured fracture toughness of the
interface reinforced with the diblock copolymer is always
larger than that of the interface reinforced with the
triblock copolymer in the crazing regime. The G; value
for the diblock copolymer increases with increasing
Zeross, but the G¢ value for the triblock copolymer hardly
increases at all with increasing Zss. This comparison,
however, is not between the triblock copolymer and its
corresponding pseudodiblock copolymer but rather with
a diblock copolymer for which the dPS block is more
than twice as long. The DP of the dPS block of the
pseudodiblock copolymer is about 470/2 = 235 which is
only slightly larger than that of entanglement of ho-
mopolymer PS (Negps &~ 173) and is much smaller than
the DP of the dPS block of the 540—-510 diblock
copolymer. A wide craze cannot be formed at the
interface since the dPS loop of the triblock copolymer
is only marginally entangled with the homopolymer PS
and the load-bearing capability of the craze fibrils
adjacent to the interface is thus relatively low.

3. Crazing Fracture at High Areal Chain Den-
sity (X = 0.1 chains/nm?). (a) G. Measurement.
Parts a and b of Figure 8 show G. as a function of X up
to = ~ 1.0 chains/nm? for the 290—470—290 and the
580—1620—580 triblock copolymers, respectively. For
the 290—470—-290 triblock copolymer, G. hardly in-
creases with increasing = for = < 0.15 chains/nm?2.
However, G increases rapidly for 0.15 < X < 0.2 chains/
nm? and then reaches a constant value of around 80
J/m2 for £ = 0.2 chains/nm2. For the 580—1620—580
triblock copolymer, G increases strongly for = < 0.2
chains/nm? and finally reaches a value of ~330 J/m2 for
= > 0.2 chains/nmZ.

The results show that the G; values saturate for the
interfaces reinforced with long nearly symmetric tri-
block copolymers at large = (for = > 0.2 chains/nm?). In
contrast, several studies show that there is an optimum
> for reinforcing the interface with symmetric diblock
copolymers.8918 Results for the 540—510 and 870—800
PVP-dPS diblock copolymers are reproduced in Figure
8c,d for comparison.® In order to investigate the reason
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Figure 8. Fracture toughness, G, plotted as a function of
areal chain density, Z, of the triblock and diblock copolymers.
The interfaces are reinforced with (a) the 290—470—290
triblock copolymer, (b) the 580—1620—580 triblock copolymer,
(c) the 540—510 diblock copolymer (data of Washiyama et al.8)
and (d) the 870—800 diblock copolymer (data of Washiyama
et al.8).

for such G¢ behavior in more detail, a closer examination
of the interface microstructure is necessary.

(b) TEM Analysis of the Interface. Figure 9a—f
shows TEM micrographs of the PS/PVP interfacial
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microstructure for = ~ 0.09, 0.17, 0.2, 0.4, 0.6, and 1.0
chains/nm?, respectively, of 290—470—290 triblock co-
polymer. Figure 9a shows that there is a distinct
interface that separates PS (bright) and PVP (dark)
phases, indicating that the interface is not saturated
with triblock copolymers yet at £ ~ 0.09 chains/nm?.
As X increases to X = 0.17 chains/nm?, lamellae of finite
size (lamellar islands) of the triblock copolymer are seen
at the interface in Figure 9b. We define one lamella as
one PS sublamella and one PVP sublamella. For X ~
0.2 chains/nm?, a region where a well-organized full
coverage of the first lamella parallel to the interface is
seen in Figure 9c. At larger X (£ ~ 0.4 chains/nm?), a
second lamella covers the whole interface as shown in
Figure 9d. Although regions of fully organized lamellar
structure parallel to the interface can be seen occasion-
ally near the interface, we found that the lamellar
structure is generally not uniform along the interface,
as illustrated by the structure shown in Figure 10. The
figure shows a dislocation-like defect of the lamellar
structure along the interface for = ~ 0.22 chains/nm?
as measured by FRES. Ateven larger (£ > 0.6 chains/
nm?) the lamellae become disordered as shown in Figure
9e,f. At these large values of X, long-range ordered
lamellae that are parallel to the interface are rarely
seen. The nonuniformity of lamellae formed at the
interface may be due to several reasons. Triblock
copolymers may form a so-called “mesogel”920 in the
concentrated solutions necessary to produce thick lay-
ers. As a result, the spin-casting of such triblock
copolymer solutions does not produce uniform thin films
at the interface. In addition, the multiple lamellae of
the triblock copolymer may need a longer annealing
time than 2 h to organize themselves completely.

We compare the thickness (spacing of one complete
PS and PVP sublamella) of the lamella of triblock
copolymer 290—470—290 to that of the diblock copoly-
mer 510-540 in Figure 11a,b. The thickness of lamella
for the triblock copolymer (~33 nm) is only about half
of that for the similar molecular weight diblock copoly-
mer (~70 nm).2t Earlier work on comparing lamellar
spacing between diblock copolymers and triblock co-
polymers also found similar results.?2 For a symmetric
block copolymer, the largest possible areal density of
chains crossing the interface X will be the areal
density in the lamellar microdomains of the correspond-
ing pure block copolymer,

1 Pmk
Za I N (5)
where pm is the number of monomer per unit volume,
N is the DP of each block, and L is the lamellar
thickness. Since the 540—510 diblock copolymer and
290—470—290 triblock copolymer have the same total
molecular weight, 2, for the lamella of the triblock
copolymer is only about half of that for the lamella of
the diblock copolymer from eq 5. Washiyama et al. show
that the interface reinforced with diblock copolymer is
saturated with diblock copolymers at ¥ ~ X = 0.2
chains/nm2. Therefore, for the triblock copolymer with
the same molecular weight as the diblock copolymer,
the interface will be saturated with triblock copolymers
at = ~ gt = 0.1 chains/nm?  The information on
lamella thickness for diblock copolymers and triblock
copolymers is also consistent with the chain conforma-
tions of diblock copolymers and triblock copolymers in
alamella. Asshown in Figure 12a,b, diblock copolymers
that form polymer brushes in the lamella repel each
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"' @ | @

Figure 9. TEM micrographs of the morphology of the 290—470—290 triblock copolymer microstructure near the interface for (a) = =
0.09, (b) £ =0.17, (c) == 0.22, (d) == 0.4, (e) = = 0.6, (f) = = 1.0 chains/nm?2. In the micrographs, the PS phase appears to be bright and
PVP phase appears to be dark due to the staining process. Note that disordered lamellae are found for = > 0.6 chains/nm?2.
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F—i

Figure 10. TEM micrograph of the irregular lamellar struc-
ture of the 290—470—290 triblock copolymer along the inter-
face for an average areal chain density = = 0.22 chains/nm?2.

other from the neighboring subdomains, while the
midblock of triblock copolymers forms both staple and
bridging structures in a lamella. In contrast, for the
lamellae of diblock copolymers, the midblock lamellae
of triblock copolymers contain many bridging chains
that directly connect adjacent lamellar layers. The
effect of chain connectivity of the triblock copolymer on
the G will be discussed in detail later.

The interface reinforced with 580—1620—580 triblock
copolymer was found to have a different morphology
than that with 290—470—290 triblock copolymer at high
3. Figure 13 a—c shows TEM micrographs of interfacial
structure with = 0.1, 0.2, and >1.0 chains/nm? of 580—
1620—580. As was predicted above, =g, for the triblock
copolymer is ~0.1 chains/nm2. Indeed, as shown in
Figure 13a, no distinct lamellar or other structure of
the triblock copolymer 580—1620—580 was found at the
PS/PVP interface for = ~ 0.1 chains/nm?. Figure 13b
shows that a complete layer of the triblock copolymer
microdomain forms near the interface when X ~ 0.2
chains/nm?2. Figure 13c shows a thicker layer of such
structure at larger = (2 > 1.0 chains/nm?2). This triblock
copolymer layer appears to consist of interconnected
cylinders of PVP (or PVP fingers) in a dPS matrix. The
PVP fingers are oriented preferentially perpendicular
to the triblock copolymer layer/homopolymer PS and the
triblock copolymer layer/homopolymer PVP interfaces.
Both interfaces are no longer flat and uniform on a 50
nm scale but are characterized by a roughness caused
by the alternation of PVP and PS domains along the
interface. The “finger” microstructure of the triblock
copolymer layer may account for part of the enhance-
ment of G; in the large X regime for this triblock
copolymer compared with its closest equivalent diblock
copolymer (the 870—800).

(c) Failure Analysis. Parts a and b of Figure 14
show the areal chain densities of the 290—470—290 and
580—1620—580 triblock copolymers, respectively, found
on the PS or the PVP side, 2(PS) and Z(PVP), as a
function of Z. Note that = = Z(PS) + Z(PVP). Both plots
show that Z(PVP) monotonically increases with increas-
ing = (Z(PVP) ~ %) while Z(PS) remains at very low
values with increasing X. For the 290—470—290 tri-
block copolymer, Z(PS) has a value of ~0.05 chains/nm?2,
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while for the 580—1620—580 triblock copolymer the
average value of X(PS) is about ~0—0.01 chains/nm?2 for
S = Ssat ~ 0.1 chains/nm?.

Combining the results presented in sections a—c, we
can now explain the G, behavior in the medium and
high = regime (Z = 0.1 chains/nm?) for both 290—470—
290 and 580—1620—580 triblock copolymer reinforced
interfaces. There are large increases in the measured
G. values as the triblock copolymer mesophase forms
at the interface for 0.1 < X < 0.2 chains/nm2. The
fracture toughness levels off for = = 0.2 chains/nm?.
Although a negative phase angle (¥ ~ —6°) coming from
the mechanical testing geometry tends to push a craze
or a crack tip toward the PVP bulk, the crack tip or
craze is not found to penetrate through the triblock
copolymer layer due to two possible reasons. First, as
discussed earlier, the triblock copolymer layer forms an
interconnected microstructure in the dPS domains, and
as a result, it would require large amount of energy
dissipation for a crack to propagate through this layer.
Second, PVP domains of the triblock copolymer layer
are craze-resistant since PVP blocks of the copolymer
are well-entangled with each other and have a higher
crazing stress than the PS.

The chain connectivity in the dPS midblock domains
of the triblock copolymer is crucial in allowing a large
G to be obtained for multilamellar overgrowths on the
interface. In the case of the 540—510 diblock copolymer
of PVP-b-dPS, the lack of this connectivity allows the
crack to propagate in the PS sublamella immediately
adjacent to the interface. The low fracture toughness
of the interface reinforced with multiple layers of the
diblock copolymer (G ~ 10 J/m?2 for = > 0.4 chains/nm?2
of the 540—510 diblock copolymer and G, ~ 80 J/m? for
= > 0.4 chains/nm? of the 870—800 diblock copolymer
as shown in parts c and d of Figure 8, respectively) is a
result of this weakness of the dPS sublamella which can
craze at nearly the same stress as the homopolymer PS.
Such a sublamella craze will allow a crack to grow into
it at low interface stresses in the craze fibrils. The
weakness of the dPS sublamella of the diblock copoly-
mer is compounding by the fact that it is swollen
significantly by the low molecular weight fraction of the
polydisperse PS homopolymer.823 The triblock copoly-
mer layers, on the other hand, are not likely to be
swollen significantly by the low molecular weight
fraction of the polydisperse PS since if the dPS domains
were swollen, the chain connectivity would require
significant chain stretching in the dPS domains.

The failure analysis in section ¢ shows that as =
increases, the locus of fracture is close to the interface
between the outer dPS loops of the triblock copolymer
mesophase and the homopolymer PS. Thus, we expect
that the interfacial microstructure between the triblock
copolymer layer and homopolymer PS is important for
craze widening and crack tip propagation. As shown
in the TEM micrographs in section b, however, the
interface between the triblock copolymer layers and the
homopolymer PS is not uniform due to the formation of
dislocations and disordered lamellae for the 290—470—
290 triblock copolymer. The interface between the 580—
1620—580 triblock copolymer layer and the homopoly-
mer PS is also not uniform. The outer dPS loops,
originating from the tips of the PVP fingers, and which
form entanglements with the homopolymer PS, cannot
remain at the same plane as the outer dPS domains
between two adjacent PVP fingers. A schematic of a
crack propagating at the interface is shown in Figure



Macromolecules, Vol. 30, No. 3, 1997

(a)

PS

Strengthening Polymer Interfaces 557

(b)

Figure 11. TEM micrographs of lamellar structure of (a) the 290—470—290 triblock copolymer and (b) the 540—-510 diblock
copolymer near the interface. Note that both of the micrographs have the same magnification. The lamellar spacing is ~33 nm
for the diblock copolymer and is ~70 nm for the triblock copolymer.

15 a,b. A crack must propagate and attempt to trace
along the “rough” contour of the interface between the
outer triblock copolymer layer and the homopolymer PS
since the interface is likely to be weakest there. The
requirement for the crack or craze to make excursions
away from the PVP interface would dissipate significant
amounts of energy. Due to the negative phase angle,
the crack may be occasionally forced to penetrate
through the homopolymer PS phase (e.g. in the “webs”
between the PVP fingers of the 580—1620—580 triblock
copolymer) leading to a large increase in the fracture
toughness of the interface as the triblock copolymer
layer starts to overgrow at the PS/PVP interface.

B. Short Triblock Copolymer (Npyp below Nepyvp).
1. Chain Pull Out to Crazing Transition. Figure
16a shows G as a function of = for a 90—570—90 triblock
copolymer. The measured fracture toughness increases
linearly with = until a critical =, =g = 0.07 chains/nm?,
is reached, at which point there is a discontinuous
transition as the fracture toughness jumps to a plateau
value of approximately 30 J/m?2. Figure 16b shows that
all of the dPS (~100%) is found on the PS side of
fractured samples up to = = 0.07 chains/nm?2, at which
point a transition occurs and the value of Z(PS)/Z drops
to ~0.45 with increasing .

The transition in the G. versus X relationship is
characteristic of a transition in the mechanism respon-
sible for fracture. At low Z, there is a linear relationship
between G, and X, and the fracture mechanism is either
chain pull out or chain scission. Both mechanisms
result in G, scaling linearly with Z.3 It is reasonable to
assume that the PVP block is being pulled out for £ <
0.07 chains/nm?2, since there are no effective entangle-
ments between the PVP block (Npyvp < Nepvp) and PVP
homopolymer. In addition, the FRES evidence (Z(PS)/
3) strongly indicates that the interface fails by chain
pull out for £ < X§. Note that when the interface fails
by chain scission at low X, we found 80—90%, not 100%,
of dPS on the PS side of the fracture surface, since it is
very unlikely that the copolymer chains would always
break at the joint between the PS and PVP blocks or in
the PVP block itself. Furthermore, >=*, or the areal
chain density at transition from chain scission to
crazing, is much lower than the transition areal chain
density observed for this system.

A self-consistent mean field theory (SCMF) proposed
by Shull and Kramer?* that describes the segregation
behavior of diblock copolymers at a polymer interface
was modified by Dai et al.25 in order to determine the
segregation character of triblock copolymers. The theory
and the segregation experiments suggest that the tri-
block copolymer chains with short PVP blocks segregat-
ing to the interface consist of two chain conformations,
staple and tail structures,?52% as depicted in Figure 4b.
From SCMF studies, the fraction of staple or tail
structure of triblock copolymer can be obtained. De-
pending on the chain conformation, pull out of the PVP
block could occur by single-ended pull out (for the tail
structure) or double-ended pull out (for the staple
structure) as the interface fractures. The different chain
conformations of triblock copolymers will certainly affect
the frictional force of the copolymer under pull out. The
areal joint density, Zjoint, Of a diblock copolymer is equal
to its areal chain density, Z, while that of a triblock
copolymer is between X (if all chains have a tail
conformation) and 2% (if all chains have a staple
conformation). At the chain pull out to crazing transi-
tion, we can assume that

o f

craze — O

pull out = monoNZjooint (6)

where Xfint is the areal joint density at transition. It
has been previously reported?’ that, for a short PVP
block being pulled out of PVP homopolymer matrix, the
static monomer friction coefficient (fmono) has a value of
~6 x 10712 N/monomer. If the whole triblock copolymer
forms a tail structure at the interface, one obtains 2° =
Sint to be 0.1 chains/nm? from eq 6. Similarly, if the
whole triblock copolymer forms a staple structure, one
obtains =° = Z}in/2) to be 0.05 chains/nm?. In fact, we
measure X° to be about 0.07 chains/nm? both from the
3(PS)/Z data and the G, measurements. This result
thus suggests that there is a mixture of chain conforma-
tions of the triblock copolymer at the interface that
affects the value of the transition areal joint density.
Suppose f is the fraction of tail structure of the triblock
at the interface. The transition areal joint density, Zjnt,
of the triblock copolymer would be equal to (2(1 — f) +
f) x 0.07 chains/nm?2. Substituting the expression of
Ziint iNto eq 6 and solving for f, we obtain that ~60% of
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Figure 12. Schematic representation of chain conformation
of (a) diblock copolymers and (b) triblock copolymers inside
lamellae.

the chains have a tail structure and ~40% of the chains
have a staple structure for this triblock copolymer at
the interface.

2. Crazing Fracture at High Areal Chain Den-
sity. Figure 16a shows that, for = > 0.07 chains/nm?,
the values for fracture toughness rise abruptly to near
30 J/m2. Optical microscopy shows craze formation in
this high G; regime. In the high X regime, however,
the G. values remain constant while it is expected that
G¢ should scale with 22 in the crazing regime. This
behavior was also observed by Washiyama et al.?” for a
diblock copolymer of 220—580 PVP-b-dPS. As shown
in Figure 16b, 40—50% of the total dPS block of the
block copolymer was found on the PS side of the fracture
surface in the crazing regime, but only 5—10% of dPS
of the 540—510 diblock copolymer was found on the PS
side when craze breakdown occurred between the block
copolymer brush and homopolymer.2 Washiyama et al.
found that the strength of the craze is weakened by the
pull out of the 220—580 diblock copolymer from the PVP
side so that the effective areal chain density, Zef, of
copolymer for supporting crazing at the interface is
approximately constant, independent of X.
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(a)

PS

Figure 13. TEM micrographs of the morphology of the 580—
1620—580 triblock copolymer microstructure near the interface
for (@) == 0.1, (b) = = 0.2, and (c) = > 1.0 chains/nm?2.

The plateau G, values for the triblock copolymer 90—
580—90 are larger than those for the corresponding
diblock copolymer 220—580 (G, ~ 15—20 J/m?).2” This
modest increase is probably due to two reasons: (1) The
presence of the extra 90 units of PVP on the end of 60%
of the triblock copolymer chains in the tail conformation
gives them an effective length of 580 + 90 = 670
monomer units in the PS homopolymer versus 580
monomer units for the PVP—dPS diblock copolymer. (2)
The dPS block of the 90—580—90 triblock copolymer in
the staple conformation has a pseudodiblock copolymer
that is longer than the 470 units long dPS block of the
290—470—290 triblock copolymer but much shorter than
that of the 580—1620—580 triblock copolymer. In this
intermediate block length regime, the pseudodiblock
model for entanglement may not be accurate and the
580 unit dPS midblock in the staple conformation may
be better entangled than the 580 units dPS block of the
220—-580 PVP-dPS diblock copolymer. Experiments
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Figure 14. Areal chain density of the dPS block found on the
PS (O) or PVP (») side of the fracture surface as a function of

> for (a) the 290—470—290 and (b) the 580—1620—580 triblock
copolymers.

s
__—\L creack
B
rve
(a)
]
; crack

gl IR

rnr

(h)
Figure 15. Schematic representation of the crack trajectory
near the interface between triblock copolymer layer and
homopolymer PS: (a) the 290—470—290 triblock copolymer
and (b) the 580—1620—280 triblock copolymer.

using triblock copolymer with a 580 midblock but longer
PVP end blocks so that the copolymer would form the
staple conformation nearly exclusively at the interface
should be able to distinguish between these two pos-
sibilities. Further experiments aimed at understanding
the effect of the dPS midblock length on the interface
reinforcing ability of triblock copolymers also would be
useful.
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Figure 16. (a) Fracture toughness, G, plotted as a function
of £ of the 90—570—-90 triblock copolymer. (b) Fraction of the
dPS found on the PS fracture surface plotted as a function of
z.

Conclusions

The addition of PVP-b-dPS-b-PVP triblock copolymers
to the interface between immiscible homopolymers PS
and PVP can greatly enhance the fracture toughness of
the interface. The strengthening effect and failure
mechanisms at the interface strongly depend on the
molecular weight of each block, the areal chain density,
and the chain conformation of the triblock copolymers
at the interface. The results in three main regimes are
summarized below.

Regime | (Npvp < Nepyp). The interface fails by
pulling out of the triblock copolymer chains without any
significant plastic deformation (G; is low) at small X.
At larger X, crazing occurs on the PS side of the interface
and craze fibrils fail by both chain scission and disen-
tanglement of the dPS block on the PS side and by chain
pull out of the PVP blocks from the homopolymer PVP
side. Triblock copolymers with short PVP blocks form
a mixture of staple and tail structures at the interface.

Regime 1l (Npyvp > Nepyp and X < Xg51). Thereisa
fracture mechanism transition from chain scission to
crazing for the interface reinforced with triblock copoly-
mers with long PVP blocks. Triblock copolymers with
long PVP blocks form a staple structure at the interface.
The G; measurements for £ < s, show that a triblock
copolymer chain can be treated approximately as two
diblock copolymer chains with half the molecular weight
in the dPS block of that of the triblock copolymer. The
fracture toughness of the interface is controlled not by
the areal chain density but by the areal joint density,
which takes into account the number of excursions of
the triblock copolymers crossing the interface and
forming entanglements on both sides of the interface.

Regime 11l (Npvp > Nepvp and X < ¥gq¢). In this
regime, the G¢ values of the interface can approach the
fracture toughness of the homopolymer PS (G, ~ 400—
500 J/m?).28 Large increases in the G, value are due to
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the “bridging chain” structure in the triblock copolymer
mesophase enhancing the strength of triblock copolymer
domain, which prevents crack propagation through the
dPS triblock copolymer layer. In addition, large in-
creases in the G, come from the fact that the interface
between the triblock copolymer layer and the homopoly-
mer PS is roughened as X increases. The crack is forced
locally to penetrate through homopolymer PS leading
to large increases in the fracture toughness.
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